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Molecular dynamics simulations of transient stress drops have been carried out in different regimes on a
nanocrystalline Aluminum sample with average grain size of 12 nm. Besides conﬁrming the interpre-
tation of experimental results obtained during in situ X-ray diffraction, the creep simulations performed
at 2 or 3 orders of magnitude lower strain rates than usual reveal deformation mechanisms that have not
been observed previously. First of all, it is evidenced that the misﬁt dislocations available at the GB assist
the propagation of a lattice dislocation on a plane with low resolved shear stress. Furthermore, it is
shown that the interaction of two dislocations gliding on parallel slip planes can result in the emission of
a vacancy in the grain interior. Finally, the importance of the Schmid factor in the activation of slip in
nanocrystalline structures is discussed.
© 2017 Acta Materialia Inc. Published by Elsevier Ltd. This is an open access article under the CC BY-NC-
ND license (http://creativecommons.org/licenses/by-nc-nd/4.0/).1. Introduction
It is well established that plastic deformation in nanocrystalline
(NC) metals results from the interplay between dislocation and
grain boundary (GB) based deformation mechanisms [1e4]. Mo-
lecular Dynamics (MD) simulations suggested that GBs act as both
source and sink for dislocations [5e13]. A dislocation that is emitted
from the GB or triple junction (TJ), travels through the entire grain
and can be eventually absorbed in the neighbouring and opposite
GBs. As a consequence, dislocation debris are rarely observed in the
grain interiors upon unloading (or post-mortem analysis), which is
also consistent with the observed suppression of a dislocation
network during deformation [14]. Of course, dislocation emission
and absorption require also GB accommodation mechanisms and
so it is difﬁcult, if not impossible, to separate both type of defor-
mation mechanisms. Atomistic simulations performed for Al and
Cu showed a shift from dislocation-mediated plasticity to GB
sliding corresponding to a maximum ﬂow strength [8,10,15].
Experimentally, measurements of strain rate sensitivity and ﬂow
stress activation volumes conﬁrmed that grain boundary activity is
enhanced but not yet dominant in 10 nm grain sized Cu [16] and inz).
lsevier Ltd. This is an open access20 nm grain sized Ni-20%Fe alloy [17]. Transmission electron mi-
croscopy (TEM) observations in 10 nm grain sized Ni led to the
same conclusions [18]. On the other hand, simulations have also
suggested that when the grain size is small enough (of the order of
5 nm), plastic deformation could be solely obtained by GB accom-
modation mechanisms [11,19,20]. Finally, subsequent MD simula-
tions [21] and experimental observations [22] have evidenced that
the relative contribution of dislocation glide and GB sliding depend
on the amount of plastic strain.
The inherent high strain rates of MD simulations make it how-
ever very challenging to determine the rate limiting deformation
mechanisms occurring at the much lower strain rates used in ex-
periments. It has been shown that the application of higher strain
rates results in higher ﬂow stresses [23,24]: decreasing the strain
rate from 5 108/s to 5 107/s results already in a 15% reduction in
the ﬂow stress of NC copper [23]. With these high ﬂow stress, GB
accommodation mechanisms are mainly stress driven [24] and
dislocations are enabled to propagate athermally through the stress
intensities present in GBs. The latter is suggested by the reduced
number of cross-slip events at higher strain rates [25,26].
Experimental transient stress-drop tests allow identifying rele-
vant strength contributions of those deformation mechanisms that
are not rate-limiting at ﬂow stress levels, but still contribute to the
overall strength of the material [22,27,28]. The combination of in
situ X-ray diffraction and transient stress-drop experiments allowarticle under the CC BY-NC-ND license (http://creativecommons.org/licenses/by-nc-
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their structural footprints. In the diffraction peak analysis, dislo-
cation slip is associated with an increase of the full width at half
maximum (FWHM) of the diffraction peak, whereas GB accom-
modation mechanism are expected to decrease the FWHM [29].
Such experiments have been performed on NC Ni with average
grain size of 65 and 35 nm [28]. It was shown that at small stress
drops, where the stress dependence of strain rate is high, the
FWHM continues to increase due to dislocation-basedmechanisms.
At large stress drops, recovery mechanisms that reduce the FWHM
are dominating and defect recovery mechanisms play an important
role in the generation of plastic strain. Interestingly, at intermediate
stress drops, the FWHM ﬁrst decreases and then starts increasing
again, suggesting an accommodation of the GBs followed by a re-
activation of slip mechanisms.
Inspired by the transient testing experiments we carried out
molecular dynamics simulations of stress drops in the regimes
similar to those experimentally performed, with the aim to explore
the mechanisms responsible for GB accommodation and to verify
whether dislocations are still emitted when strain rates after the
stress drops are up to 2 or 3 orders of magnitude lower than those
usually applied in atomistic deformation simulations. Although still
orders of magnitude higher than the experimental strain rates, the
contribution of thermally activated processes to the deformation
mechanisms [26] and in particular to the GB accommodation
mechanisms is indeed expected to be higher at these lower strain
rates of 106/s.
Our approach conﬁrms the enhancement of the GB accommo-
dation processes at a strain rate of 106/s, as well as the slip of dis-
locations on planes experiencing relatively low resolved shear
stress. Additionally, a new GB-dislocation interaction mechanism is
evidenced, where the misﬁt regions available at the GB assist the
propagation of a lattice dislocation on a plane with low resolved
shear stress. Furthermore, it is shown that the interaction of two
dislocations gliding onparallel slip planes can result in the emission
of a vacancy in the grain interior. For similar strains obtained with a
strain rate of 108/s strain rate as usually applied in MD, both
mechanisms are not observed and dislocations slip preferentially
on high Schmid factor planes.
2. Technical details of the simulation
MD simulation of stress reductions were performed with the
open-source Large-scale Atomic/Molecular Massively Parallel
Simulator (LAMMPS) [30] on a NC Al sample that contains 15
randomly orientated grains with an average grain size of approxi-
mately 12 nm (~ 106 atoms) in an orthonormal simulation box of
the initial size 27.5  27.5  27.5 nm3. The initial sample was
geometrically constructed using the Voronoi procedure [31] under
full 3D periodic boundary conditions, which are maintained during
all simulations. It was then relaxed athermally and equilibrated for
100 ps at 300 K and zero stress MD using the Nose-Hoover ther-
mostat and Parrinello-Rahman barostat [32]. The interatomic
interaction was modelled using the Al embedded atom method
(EAM) potential of Mishin et al. [33].
The sample was uniaxially loaded with constant strain rate (108/
s) parallel to the z direction, with lateral zero stress conditions
imposed by the Parrinello-Rahman method [34] up to 5.2% total
strain. The stress drops were imposed by instantaneous switching
to stress boundary condition in the tensile direction.
The structural analysis is performed at instantaneously
quenched conﬁgurations by viscous damped dynamics for 250 fs at
constant simulation box to ﬁlter thermal ﬂuctuations. The local
crystalline structure is analysed by the common neighbour analysis
(CNA) [35], where face centred cubic (FCC) atoms, hexagonal close-packed (HCP) atoms and other coordinated atoms are coloured in
grey, red, and blue, respectively. The presence of an intrinsic
stacking fault is identiﬁed by two consecutive {111} planes of HCP
atoms and a twin fault by only one single {1 1 1} HCP plane. The
atomic displacements are corrected by subtracting the simulation
box changes tomap only the internal, microscopic displacements of
atoms. In past work [25,36,37], it has been shown that the local
hydrostatic pressure concentrations are sensitive indicator for GB
structural changes once dislocation activity occurs, e.g. dislocation
emission, pinning, and absorption. In the present work, the local
hydrostatic pressure variations within the NC sample are also
analysed. This is achieved by calculating the stress tensor of a vol-
ume element of radius of 4 Å (as it was done in previous work
[25,37]) centred around each atom using the momentum
conserving approach derived by Cormier et al. [38]. The open-
source software ‘Open Visualization Tool’ (OVITO) [39] is used to
visualize the atomic conﬁgurations. The local displacement
gradient tensor for each particle within an angstrom cut-off radius
corresponding to the distance between the ﬁrst and second
neighbours is used to estimate the local von Mises invariant shear
strain. Finally, the dislocation analysis (DXA) [40] as implemented
in OVITO and the slip vector analysis method [41] are used in
combination to identify and determine the Burgers vector of the
dislocations. The line representation of the dislocation defects used
in some ﬁgures of this manuscript is also computed using the DXA.
3. Results
3.1. Overview of the stress reduction series
Fig. 1 a provides a schematic representation of the stress
reduction test. Each specimen is ﬁrst strained to a pre-deﬁned
stress s0, and fast unloaded by a certain amount of stress. At the
reduced stress sr , the specimen is allowed to creep some period of
time. The ratio between both stress levels is denoted by the relative
reduced stress R ¼ sr=s0. Fig. 1 b displays the MD simulated stress-
strain curve deformed at room temperature at a constant strain rate
of 108/s. Stress reduction tests series are performed when the
sample is strained to an engineering strain of 5.2%, where the ﬂow
stress reaches s0 ¼ 1.52 GPa. A wide range of R values was covered
from 0.92 to 0.33 similar to the experiments performed in Ref. [28].
After each stress reduction, the specimenwas simulated for 1700 ps
under constant stress conditions at sr . Fig. 1 c displays the corre-
sponding creep strain-time curves. Notably, these curves are found
to be stress dependent, and exhibit similar trends as those found in
the in situ experiments: i.e. when the stress drop is mild, there is a
continuous forward strain with creep time [28]; when the stress
drop becomes larger, an initial anelastic black ﬂow dominates, after
which forward strain continues; for the largest stress drop no for-
ward straining is observed within simulated creep time. Fig. 1
d evaluates the number of mobile dislocations propagating dur-
ing the creep periods for each relative reduced stress R. Dislocation
activities including nucleation and propagation are largely sup-
pressed with decreasing R. At moderate stress drops freshly
nucleated dislocations can propagate after a certain incubation
period. For large stress drops such as R ¼ 0.53 and 0.33, nucleated
dislocations do not propagate anymore within the time scale of the
simulation.
3.2. A medium stress drop with longer creep
The creep strain for the stress reduction with R ¼ 0.86 is fol-
lowed during a longer period of 2290 ps as shown in Fig. 2. In this
curve, each pronounced strain burst reﬂects the propagation of a
dislocation across a grain. As expected from a NC material the
Fig. 1. (a) Schematic representation of a series of conventional stress reduction tests. (b) A simulated stress-strain curve deformed at a constant strain rate of 108/s; the stress
reduction is performed when the specimen is strained to ε0 ¼ 5.2% and s0 ¼ 1.52 GPa (dotted line). (c) Creep strain-time curves for different R (d) The number of mobile dislocations
propagating in the grain interiors for different R.
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the order of b/d ~ 0.1%, b: Burgers vector, d: grain size) [42]. It can be
seen that in the initial creep period several slip events occur one
after another, respectively in the grains of G13, G2, G10, and G8. As
the strain rates gradually decline with creep time, approaching 106/
s, strain bursts become more separated in time and can be associ-
ated with slip events in G9 at t ¼ 850 ps and in G14 at t ¼ 2224 ps.
3.2.1. Nucleation and slip events in the early stages after the stress
drop
In the ﬁrst 100 ps after the stress drop, slip events are observed
in G2, G8, G10 and G13. At this stage of the simulation the strain
rates are comprised between 2  107/s and 5  107/s, i.e lower thanFig. 2. Creep strain versus time curve for the stress reduction with R ¼ 0.86 followed by a cre
(centred) and its neighbouring grains. The viewing direction for G14 is perpendicular to ththe initially applied strain rate but still 20 to 50 times higher than
the one observed during the slip events in G14 (section 3.2.2). In
these grains, all the dislocations are nucleated and propagate using
high Schmid factor slip systems: the highest factor for the slip in G2
and G13 and the 2nd highest for G8 and G10. Note that only perfect
dislocations are observed to glide in the grains. This is in good
agreement with the observations of Zhu et al. [43] and Frøseth et al.
[36] who suggested the dominance of full dislocation activity over
partial dislocation activity in defect free NC-Al. After a few hun-
dreds of ps, the strain rate has dropped to 3  106/s and a strain
burst is observed at t ¼ 810 ps corresponding with a slip event
using the 2nd highest Schmid factor system (0.42) in G9. The
leading partial of the dislocation was nucleated before the stressep period of 2290 ps. Each slip event in the sample is indicated. The insert presents G14
e (1 1 1) slip plane. Atoms are coloured based on CNA analysis.
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onds. The trailing partial is observed at t ¼ 530 ps and the full
dislocation starts propagating at t ¼ 810 ps. Interestingly, during its
propagation a vacancy is emitted and left behind inside the grain. In
what follows we focus on the slip event in G14, which occurs at the
lowest strain rates after signiﬁcant GB accommodation using a low
Schmid Factor slip system.3.2.2. Overview of the dislocation activity in G14
The insert in Fig. 2 displays G14 (centred) and its neighbouring
grains. The viewing direction for G14 is normal to the (1 1 1) slip
plane. As indicated by the arrows on the creep curve, there are two
dislocations Dis1 and Dis2 successively emitted in G14 within a
time interval of ~ 800 ps. Until t ¼ 2226 ps the two dislocations
travel a limited range (~4 nm) at a reduced speed (~5 m/s) and
therefore the strain generated in this time interval is not marked by
a strain burst and is mainly issuing from GB accommodation
mechanism occurring in the entire sample. The strain burst at
t ¼ 2226 ps can be attributed to a remarkable increase of the
traveling speed (~900m/s) of Dis1 and Dis2 enabling them to travel
across the grain. A detailed spatiotemporal analysis of dislocation
nucleation and propagation was carried out in the rectangular red
and yellow regions marked on the insert in Fig. 2. Note that all the
GBs between G14 and its neighbours are general GBs with a twist
and a tilt component, with the notable exception of G13-G14 which
is a vicinal twin boundary.
Fig. 3 displays a series of snapshots showing an overview of the
dislocation slip occurring in grain 14, the details will be discussed in
following sections. The Thompson tetrahedron in Fig. 3 g is used to
indicate the relevant slip planes and Burgers vectors. Immediately
after the stress drop (t ¼ 0 ps) GB 12e14 is relatively planar except
for two ledges one in region R2 close to the triple junction (TJ) 12-4-
14 and another ledge, which is described in more details in section
3.2.2. GB 12e14 contains several dislocation embryos that have
been already created during prior loading. However, most of them
are reabsorbed in the GB, which is in good agreement with the
observations of Asaro and Suresh [44], who suggested that the high
stacking fault energy of Aluminium acts as a strong driving force
that tends to inverse dislocation motion. Only one dislocation is
successfully nucleated as a full dislocation (Dis1) with subsequentFig. 3. Evolution of the dislocation activity in G14. The crystallographic orientation of the gr
showing signiﬁcant GB activity are circled in red and labelled R1 and R2. Atoms are coloured
(For interpretation of the references to colour in this ﬁgure legend, the reader is referred tpropagation into G14 after several nucleation attempts. This
dislocation starts to propagate at t ¼ 1318 ps when a trailing partial
is emitted from the region R1 nearby TJ 12-15-14. Interestingly, this
dislocation has a rather low Schmid factor (0.32) which is only the
5th highest for this grain.
Just after the successful nucleation of the trailing partial dislo-
cation, the full dislocation Dis1 is pinned at TJ 1-15-14 and at a
ledge at GB 12e14. Further propagation occurs 750 ps later at t ¼
2085 ps by dislocation depinning, which is accompanied by the
nucleation of the leading partial of another dislocation (Dis2),
removing the ledge at GB 12e14. The nucleation of the trailing
partial of Dis2 occurs shortly thereafter at t ¼ 2130 ps. The propa-
gation of the full dislocation Dis2 that interacts with Dis1 causes
local migration of the GB and the formation of another ledge
structure [37]. Inspection of the Burgers vector of the two dislo-
cations reveal that they glide on parallel b planes and possess
opposite Burgers vectors: respectively CA and AC for Dis1 and Dis2.
They are separated by 2d111, where d111 denotes the interplanar
spacing of {1 1 1} planes. Note that the interaction of Dis1-Dis2
forms a jog dragging free volume coming from the GB.
While Dis1 is still pinned at TJ 1-15-14, Dis2 propagates along
GB 12e14 until it is pinned again at t ¼ 2175 ps in a region of high
compressive stress. Finally, depinning of Dis1 at TJ 1-15-14 and of
Dis2 at GB 12e14 occurs at t ¼ 2224 ps. After this last depinning
event, the dislocation dipole propagates across the entire grain at a
much enhanced speed (900 m/s), resulting in a strain burst visible
on the creep curve in Fig. 2. Within 10 ps the dislocations reach the
boundaries with grains G10, G12 and G13 where they are eventu-
ally absorbed. As a consequence of the fast propagation of the
dislocation dipole inside G14, a vacancy is emitted from the jog
formed at the intersection between the two dislocations. The de-
tails of the aforementioned mechanisms are discussed in the next
paragraphs.3.2.3. Depinning of Dis1 at GB12-14 via nucleation of a lattice
dislocation
Inspection of the circled region R1 in Fig. 3 reveals a misﬁt
region across {1 1 1} planes in GB 12e14. At t ¼ 0 ps, this misﬁt
region is delocalized involving 4e5 {1 11} planes on both sides of
GB 12e14. At t¼ 1318 ps the misﬁt region has constricted and Dis1ain as well as the Burgers vectors of Dis1 and Dis2 are indicated on the ﬁgure. Regions
according to the CNA analysis. To facilitate the visualisation the fcc atoms are omitted.
o the web version of this article.)
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as a pinning site inhibiting further propagation of Dis1. The
conﬁguration of the ledge at t ¼ 2084 is shown and Dis1 is shown
in Fig. 4a-c. Pinning of Dis1 is a result of an unfavourable orien-
tation of the Burgers vector relatively to the ledge geometry
(Fig. 4c): the ledge representing a step in the direction opposite to
the Burgers vector of the leading partial similar to observations in
Ref. [37]. Therefore, Dis1 can only further propagate after the
removal of the ledge structure shown in Fig. 4 f at t ¼ 2086 ps. The
latter involves the nucleation of the leading partial of a second
lattice dislocation Dis2 with opposite Burgers vector and located 2
lattice planes above the initial dislocation Dis1. As shown on Fig. 4
a-b, where GB 12e14 is seen from the [2 1 1] direction, the
nucleation of Dis2 is accompanied by signiﬁcant atomic shufﬂing.
Inspection of the GB dislocation structure (Fig. 4 c-d) evidences
the migration of the grain boundary dislocation (GBD) upon
nucleation of Dis2. These local modiﬁcations of the GBD structure
are associated with the emission of a lattice dislocation as already
reported in Refs. [45,46]. The nucleation of Dis2 also induces free-
volumemigration from the GB in the form of a point defect, which
is indicated by a pentagonal shape in Fig. 4 e. This free-volume is
dragged at the jog formed by the interaction between Dis1-Dis2
during the initial propagation of the dislocation dipole (section
3.2.4). One can observe in Fig. 4 e-f a relatively high potential
energy of atoms (in the b plane) surrounding the point defect (as
much as 3.1 eV as compared to the 3.36 eV of the regular fcc
atoms). Furthermore, the propagation of the dislocation dipole is
accompanied by local migrations of GB 12e14 during in which
more ledge structures are formed. Interestingly, part of this
migration is recovered as the dislocation dipole glides across the
grain as shown in Fig. 5, where the black line indicates the posi-
tion of the GB before the emission of Dis2. As the dislocations
travel across the grain, GB 12e14 ﬁrst migrates locally by one
atomic distance (t ¼ 2195 ps where the position of the GB is
indicated by a green line). Upon further propagation, this migra-
tion is gradually recovered and the GB moves back to its originalFig. 4. Removal of the ledge structure assisted by the nucleation of a second lattice dislo
nucleation of the leading partial of Dis2. Location of the GBD before (c) and after (d) the emis
its original position. Evolution of the ledge geometry in the habit plane of Dis1 before (e) an
vector of the partial while the solid black line helps the visualisation of the ledge structure.
(a),(b)e(e),(f). (For interpretation of the references to colour in this ﬁgure legend, the readposition (t ¼ 2196 ps and t ¼ 2240 ps where the position of the GB
is indicated by a red line). After depinning from the ledge at G12-
G14, the Dis1-Dis2 dipole start to glide slowly (~25 m/s), since
Dis1 is still pinned at TJ 1-15-14. After approximately 90 ps of
dislocation propagation, Dis2 approaches a region of high
compressive local hydrostatic pressures (region R2 in Fig. 3),
which act as a pinning site for the dislocation.
Dis2 can eventually overcome this region of high stress intensity
by increasing its curvature until it reaches a critical angle with the
grain boundary. This is done by the kink-pair nucleation mecha-
nism reported in Ref. [37].
3.2.4. Depinning of the dislocation dipole at TJ 1-15-14
Depinning at TJ 1-15-14 involves a mechanism where the GB
misﬁt structure (or GBD) is used to allow a dislocation to travel
along a GB. This mechanism is illustrated in Fig. 6. A view
perpendicular to the b plane is provided in Fig. 6 a while Fig. 6 b
shows a schematic view of the mechanism for several consecutive
time steps. Fig. 6 c shows the slip traces observed on the three b
planes. The arrows in Fig. 6 b represent the slip vector of the dis-
locations on the relevant b planes, while the habit planes of the
stacking faults between two partial dislocations are coloured in red.
The depinning mechanism is initiated at t ¼ 2224 ps by the
constriction of full dislocation CA with its Shockley partials Cb and
bA into a perfect screw dislocation (Fig. 6 a). The constriction only
occurs in the vicinity of the TJ while the rest of the dislocation re-
mains dissociated, and is immediately followed by a double cross-
slip of the constricted dislocation on the adjacent lower b plane, b-
1-b0, as shown by the inversion of the slip traces on the b0 plane
(light green rectangular region in Fig. 6 c). The cross-slip event, at
the intersection of the GB with the dislocation, shows the
constriction of the two partials into a perfect dislocation prior to
cross-slip. It thus falls into the class of Friedel-Escaig [47,48]
mechanisms rather than the Fleischer-mechanism [49].
The cross-slip is immediately followed by a partial dislocation
nucleation from a misﬁt dislocation of G1-G14 in the region circledcation. View of GB 12e14 along the [1 2 1] direction before (a) and after (b) the
sion of Dis2. The solid line denotes the current position of the GBD and the dashed line
d after (f) the emission of Dis2. The red arrow indicates the orientation of the Burgers
Atoms are coloured according to the CNA in (c) and (d) and to their potential energy in
er is referred to the web version of this article.)
Fig. 5. Local GB migration occurring during propagation of Dis2 creating new ledge structures. Upon further propagation of Dis2 part of the migration of GB 12e14 is recovered. The
atoms are coloured according to the CNA analysis. The black dashed line indicates the position of the GB at t ¼ 2080 ps, before the nucleation of Dis2, while the solid green/red line
shows the position of the GB at t ¼ 2095ps/2196e2240 ps. (For interpretation of the references to colour in this ﬁgure legend, the reader is referred to the web version of this
article.)
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This partial dislocation is nucleated on the g plane with an Ag
Burgers vector (Fig. 6 b-c). The nucleation of the trailing partial
gD, occurs shortly after, resulting in the formation of a dislocation
loop AD on the g plane (Fig. 6 b). Such nucleation of a lattice
dislocation from a misﬁt/GB dislocation has been reported in
several MD simulations [45,46] and described analytically [40].
One picosecond later the cross-slipped dislocation and the freshly
nucleated dislocation loop react to form a new dislocation CD on
the b-1-b0 plane according to the dislocation reaction
CA þ AD/ CD (Fig. 6 b). In the meantime, the remaining part of
the loop cross-slips onto the b0-b1 plane (Fig. 6 b-c). This complex
dislocation mechanism thus results in the formation of a new
dislocation conﬁguration at the vicinity of G1-G14 consisting of
two full dislocations AD and CD propagating on two adjacent b
planes (shown in Fig. 6 b at t ¼ 2227 ps). Both dislocations
immediately dissociate into two sets of partials: bD and Ab, and Cb
and bD, leading and trailing Shockley partials gliding on the
b0  b1 and b-1  b0 planes respectively. The two leading partials
propagating on adjacent b planes create an extrinsic stacking fault
(or nanotwin), as indicated from the presence of hcp atoms on
planes b1 and b-1 (green rectangular regions in Fig. 6 c). The latter
does not extend in the grain but sweeps along the GB and as such
helping Dis1 and Dis2 to slip across the grain (Fig. 6 c). The inserts
in Fig. 6 c show the slip vectors resulting of the dislocation slip and
interactions on the three b planes.
The combination of the slip vectors of the two dislocations
gives an overall slip vector in good agreement with the net atomic
displacements computed on these planes (Fig. 7 c). In particular it
is consistent with the magnitude and the orientation (approxi-
mately 3/2bD) of the atomic displacements computed on the b0
plane.
Table 1 summarizes the dislocation reactions that result in the
formation of the dislocation structure consisting of a nanotwin and
of two trailing partials Cb and bD traveling respectively on b-1  b0
and b0  b1. The spatial arrangement of this dislocation structure
shortly after the interaction of the initial dislocation CA with the
dislocation loop AD (t¼ 2227 ps) is shown in Fig. 7 a. Note that after
this interaction, the dislocation velocity sharply increases. This fast
propagation, despite the presence of ledges at GB 1e14 boundary,
can also be explained by simple geometrical considerations. As
shown in Fig. 7 a the Burgers vectors of the dislocations forming the
dislocation structure at the vicinity of TJ 1-15-14 have a more
favourable orientation with respect to the ledge structures at GB
1e14, as compared to the initial dislocation CA. In particular, the
trailing partial of the latter, bA, pinned for more than 800 ps at TJ 1-
15-14 is transformed by the dislocation reactions described in
Table 1. Therefore, the ledge structures which could constitutepinning points for the original dislocation CA are not obstacles for
the propagation of the new dislocation structure. Furthermore, the
analysis of the local hydrostatic pressure at GB 1e14 (not shown
here) reveals the relative absence of regions of stress anomalies
that could act as additional pinning sites, the dislocation is thus free
to propagate after its depinning from TJ 1-15-14. The local von
Mises invariant shear strain on b0 after the dislocation has swept
across the grain (t ¼ 2240 ps) is shown in Fig. 7 b, revealing an
important shear trace at the intersection between CA and the
nanotwin. Also evident from this picture and from the slip traces on
the same plane shown in Fig. 7 b is that the nanotwin and the two
partials between the constriction node and GB 1e14 are absorbed
back into the GB upon arrival of a larger ledge structure, which
happens at t ¼ 2233 ps After the absorption of the dislocation
arrangement, the dipole Dis1-Dis2 on the other side of the
constriction node recovers its initial conﬁguration and sweeps
further across the grain.
The interaction of the dislocation CA with the GB dislocation
AD and its subsequent collective propagation induce signiﬁcant
changes the GB ledge structure (cf. Fig. 7 c-d). As illustrated in
Fig. 7 e-f, where the atoms coloured in yellow and green indicate
the position of the misﬁt dislocations at t ¼ 2197 ps and t ¼ 2240
ps respectively, this GB-dislocation interaction results in the
displacement of the misﬁt regions by several atomic distances.3.2.5. Vacancy emission during dislocation propagation
The dragging of the jog formed by the Dis1-Dis2 (CA-AC)
interaction facilitates the formation of a vacancy inside the grain
as shown Fig. 3 e (yellow circle). Further details on this process are
shown in Fig. 8 where for different time steps the atomic potential
energy of the non fcc atoms in b1 and b2 planes (top) and the
atomic arrangement in a smaller section of the b planes (bottom)
are shown; four different times are selected for the atomic
conﬁguration. Here, the colour bar of the potential energy ranges
from 3.4 eV (blue) to 3.1 eV (red). As reported in section 3.2.4 a
point defect (orange circled) is created at the jog during the initial
interaction between Dis1 and Dis2. The analysis of the atomic
displacements at GB 12e14, conﬁrms that the formation of this
point-defect originates from this GB. As the jog containing the
point defect is dragged along with the motion of Dis1-Dis2, e.g. t¼
2216 ps, a vacancy is formed and emitted from the jog, see orange
circled region at t ¼ 2226 ps. The emission of this point defect
cannot be ascribed to a non-conservative motion of the jog, as
reported in Refs. [50,51] since the latter glides conservatively on
the a plane. The emission of the vacancy results in an energetically
more favourable jog conﬁguration, as evidenced by a decrease of
the atomic potential energy in the jog at t ¼ 2231 ps.
Fig. 9 a displays the conﬁguration at the time when Dis1 and
Fig. 6. Closed up view of the perfect screw dislocation CA on the b0 plane. The Burgers vector of the dislocation is indicated by a red arrow (its actual length is exaggerated to make
it better visible), while the green lines denote the relevant {1 1 1} planes. (b) Schematics of the dislocation mechanism at different time steps (see text for details). (c) Atomic
displacement vectors on the three b planes at t ¼ 2229 ps. The inserts present the slip vectors of the dislocation on these planes. The atoms in (a) and (c) are coloured according to
the CNA. (For interpretation of the references to colour in this ﬁgure legend, the reader is referred to the web version of this article.)
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site GBs (t ¼ 2238 ps). Here only one atomic plane that corre-
sponds to the b1 slip plane is displayed. The atoms are coloured
based on the local von Mises invariant shear strain. It is clearly
seen that on the slip plane there are two atomic rows that have
relatively high values of von Mises shear strain (in red/yellow
colour) as compared to the surroundings. This region in fact cor-
responds to the slip trace of the jog. The vacancy emission can be
correlated to the reduction in shear strain magnitudecorresponding to a colour transition from red to yellow for one of
the atomic arrays. Further details regarding the change of shear
strain in atomic planes above and below is shown in Fig. 9 b. Here
a view perpendicular on the slice 1 and 2 along the [0 1 1] di-
rection (dashed lines in Fig. 9 a) is shown, where slice 1 shows the
jog conﬁguration before vacancy emission and slice 2 after
emission. A closer look at the slices reveals that the jog undergoes
a transition from an obtuse to an acute conﬁguration which has
been reported to be more favourable energetically [52].
Fig. 7. (a) Schematics of the dislocation conﬁguration after reaction of the impinging dislocation with the dislocation loop nucleated at GB 1e14. (b) Von mises shear strain
calculated on the b0 plane. (a)e(b) Evolution of the ledge structure at GB 1e14 before (t ¼ 2197 ps) and after (t ¼ 2240 ps) the propagation of Dis1 on the b0 plane. The GB is
underlined in black to facilitate the visualization of the position of the ledges. In (b) the dashed black line indicates the initial position of the GB. The computation of the atomic
displacement atomic displacement vectors reveals that the dislocation arrangement is absorbed at ledge 4. 8 (c)e(d) Misﬁt dislocation arrangement at GB 1e14 before and after the
propagation Dis1 on the b0 plane. The atoms coloured in yellow/green indicate the initial/ﬁnal positions of the misﬁt dislocations at GB1-14. (For interpretation of the references to
colour in this ﬁgure legend, the reader is referred to the web version of this article.)
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4.1. Emission of vacancies during propagation
Interestingly, the emission of a vacancy is observed in G9 and G14Table 1
Overview of the dislocation reactions in G14.
Timestep (ps) Dislocation Slip plane
2223 Cb þ bA b0  b1
bC þ Ab b2  b3
2224 CA ¼ Cb þ bA and Cb þ bA b0  b1
Ag g
bC þ Ab b2  b3
2225 CA and Cb þ bA b-1  b0
AD ¼ Ag þ gD g
bC þ Ab b2  b3
2225 CD ¼ CA þ AD then Cb þ bD ¼ CD b-1  b0
Ab þ bD ¼ AD b0  b1
bC þ Ab b2  b3where the slip events occur at strain rates < 107/s, however using
different mechanisms. In G9, the vacancy emission of the vacancy
results from the non-conservative motion of a jog. The short jog
segment is an edge dislocation, with the line direction and the
Burgers vector not contained in its slip plane and therefore can only
move by climb. Therefore, a vacancy is emitted during the motion of
the jog, amechanism already observed inMD simulations performed
at high strain rates [50,53]. In G14 however, the emission appears to
be related to the depinning of Dis1 from the triple junction TJ 1-15-
14: after depinning the dislocation moves with a higher speed and
releasing free volume in the jog by emitting a vacancy.4.2. Dislocation slip after stress drop: comparison with experiment
In our experimental work [24], stress reduction tests series were
performed during in situ X-ray diffraction. It was observed that
depending on the magnitudes of the stress reduction, the diffrac-
tion peak broadening during the subsequent creep periods can
either increase or decrease, respectively corresponding to the
Fig. 8. Emission of a vacancy inside the grain after depinning. The atoms are coloured based on the analysis of atomic potential energy (upper) and CNA (down). The orange circled
region shows the formation of a vacancy from a point defect, which is indicative for the free volume migration from the GB12-14. (For interpretation of the references to colour in
this ﬁgure legend, the reader is referred to the web version of this article.)
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mechanism. In the case of a moderate stress drop, the FWHM ex-
hibits a non-monotonic behaviour: after initial reduction the
FWHM starts increasing again. This is indicative for re-activated
local forward dislocation activity after the dominance of GB
accommodation.
The present MD simulations provide a consistent picture:
dislocation slip can continue to operate after creep periods up to
1000 ps where the strain rates are considerably reduced by two
orders of magnitudes to 106/s. It is worth mentioning that theFig. 9. (a) Shear strain on the b1 slip plane after Dis1 and Dis2 have been absorbed at the nei
are selected where the upper/down atomic planes are also inspected.dislocation events in section 3.2 were preceded by modiﬁcations of
the GB structure: processes such as GB sliding, GB/TJ migration,
atomic shufﬂing, free volume migration, atomic diffusion along the
GBs as conﬁnement of delocalized GB dislocations are observed
prior to dislocation emission. These GB accommodation mecha-
nisms have been also observed at higher strain rates, however to a
lesser extent. The stress drop simulations provide however also an
approach to reveal possible mechanisms that have not been seen in
atomistic simulations with higher strain rate. These mechanisms
are discussed in the next section.ghbouring/opposite GBs. (b) Two slices at the positions before/after a vacancy emission
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4.3.1. Dislocation propagation along a GB
PreviousMD simulations focussed on dislocation nucleation and
GB accommodation. It is generally accepted that a dislocation once
nucleated travels through the entire grain. This has been ﬁrst
observed in MD simulations and analytically described by Asaro
et al. [54] and Liao et al. [55]. It has been shown that dislocation can
avoid stress intensities in the GB by cross slip [25], a mechanism
that is strain rate dependent [26]. It was previously also evidenced
that a dislocation can get pinned at a GB ledge structure when for
instance the Burgers vector is pointing towards the step in the GB
presented by the ledge [37]. At high strain rates further propagation
of the leading partial was observed to be facilitated by the nucle-
ation of a kink pairs with the kinks propagating away from each
other. The process of kink nucleation continues increases the
maximum curvature till a critical angle is reached allowing the
dislocation to depin and further propagate, meanwhile depositing a
dislocation segment at the GB ledge.
The case studied here is a similar situation, where the direction
of the Burgers vector of a propagating dislocation Dis1 is unfav-
ourable for letting the dislocation pass a GB ledge. However, the
strain rate is considerably lower (2 orders of magnitude) and the
dislocation does not experience the highest possible resolved
shear stress. Providing more time, and thus an increased activity
in the GBs, allows the GB misﬁt dislocation and Dis1 to develop a
synergetic mechanism: a dislocation loop is nucleated from a
misﬁt dislocation at GB 1e14 and interacts with the impinging
dislocation Dis1. This interaction, detailed in sections 3.2.3 and
3.2.4, forms a dislocation structure consisting of two full dislo-
cations, dissociated in two sets of Shockley partials which prop-
agate on two adjacent b planes, below and above Dis1. Note that
this dislocation reaction only occurs at the vicinity of GB 1e14,
between the GB and a constriction node. The resulting dislocation
structure travels along the GB, keeping the initial dislocation Dis1
(CA) away from the GB. This allows the dislocation to travel along
the GB, speed up, release of the free volume in the jog, which
further accelerates the dislocation. Once the dislocation structure
between the constriction node and the GB reaches the next
important ledge, the synergetic process ends and the misﬁt is
reinstated at the GB by changing the ledge structure. Dis 1 (still
connected to Dis 2) is observed to propagate along the GB without
using this synergetic mechanism. The here presented synergetic
GB-dislocation process is presumably a thermally activated pro-
cess, since observation seems to be only possible by the reduced
driving forces (e.g. resolved shear stresses) and relative long MD
simulation time. This picture is also consistent with previous work
pointing towards an increased contribution of thermal assistance
in dislocation motion at reduced strain rate [26]. However, one
has to remember than 106/s is still a very high strain rate,
exceeding by orders of magnitude the experimental strain rates.
Therefore, despite this increased thermal contribution, the
deformation mechanisms are still predominantly stress driven. To
assess the role of thermal activation for this deformation mech-
anism, a systematic study of the stress and temperature-
dependence is needed or a direct determination of the associ-
ated effective energy barrier. Such a study is certainly needed toTable 2
Comparison of the number slip events and deformation time in continuous deformatio
Deformation mode Strain produced
Without stress drop 1.2%
With stress dropconclusively comment on the role and the nature of thermal
activation in this complex synergistic deformation mechanism.
4.3.2. Local GB migration
Local GB migration in conjunctionwith dislocation emission has
been frequently observed in MD simulations [8,37,45,46]. Addi-
tionally several experimental observations [18,56,57] and MD
simulations [58] reported the presence of signiﬁcant grain
boundary motion during plastic deformation involving grain rota-
tion and/or grain coarsening. Such mechanisms are generally
observed at large levels of deformation strains in NC metals. Farkas
et al. [58] concluded that since the temperature in these simula-
tions were performed at 300 K while applying a strain rate of 108/s,
the process is probably stress derived since there is limited time for
thermally activated motion.
The local GB migration shown in Fig. 5 at strain rates that are
100 times slower provides a consistent picture with the observa-
tions at high strain rate. However, it is interesting to see that GB
motion is partially recovered once Dis2 starts propagating further.
This GB migration during the propagation of a lattice dislocation is
consistent with the observations of Van Swygenhoven et al. [33].
Such interaction mechanism falls in the category of the GB-
dislocation interaction mechanisms, which has been proposed as
one of the rate-controlling mechanism in the nanocrystalline
regime, and is associated with a low activation volume of 10 b3 [59].
4.4. Dislocation slip versus GB accommodation
To obtain further understanding of the effect of strain rates on
the deformation mechanisms, two atomistic conﬁgurations at the
same amount of plastic strain of 6.4% are compared: one obtained
by continuing the deformation at 108/s after 5.2% plastic strain, the
other by dropping the stress after 5.2% plastic strain and allowing
the material to creep an additional 1.2% strain at rates of the order
of 106/s.
Table 2 compares their respective number of slip events and
deformation time required for the additional 1.2% strain. Without a
stress drop, more slip events are observed within a much shorter
deformation time suggesting that the relative contribution of
dislocation slip to the overall strain is larger than that at the higher
strain rates. The analysis of the total strain vs time curve reveals
that when the strain rate drops to about 106/s, i.e. after the strain
burst in G9 at t ¼ 900 ps, an additional 0.5% of creep strain is
produced during the last 1.4 ns of the simulation.
During this interval of time, the dislocation slip mediated strain
is predominantly generated during the strain burst at t ¼ 2224ps in
G14, which is of the order of 0.1%. The additional 0.4% creep strain is
thus related to GB accommodation mechanisms taking place in the
entire sample. In other words, the amount of strain attributed to
slip activity at 106/s is about 20%. Using a quantitative analysis of
plasticity Vo et al. [21] ascribed 55% to dislocation slip in a 15 nm
grain size sample deformed with a strain rate of 1010/s till 5% total
strain. This tends to conﬁrm the dominance of dislocation slip and
lack in GB accommodation mechanisms when using high strain
rates in MD simulations.
Table 2: Comparison of the number slip events and deformation
time in continuous deformation with and without stress reductionn with and without stress reduction when the same amount of strain is produced.
Total number of slip events Deformation time
~10 110 ps
~8 2290 ps
Fig. 10. Comparison at 0.9% additional strain. (a) With the stress drop (b) Without
stress drop (c) Dislocation arrangement in G14 after 200 ps at 108/s, corresponding to a
2.1% strain.
M. Dupraz et al. / Acta Materialia 144 (2018) 68e7978when the same amount of strain is produced.
We note that the character of the dislocations mentioned in the
two simulations is very different. At t ¼ 1318, just before the stress
drop, one of the partials of Dis1 is already nucleated, but remains
very close to the GB. As shown earlier, the trailing partial is
nucleated after the stress drop and Dis1 slipped across the grain
during the creep strain. Continuing with constant strain rate at the
same higher strain rate of 108/s instead of a stress drop, however, no
trailing partial dislocation is nucleated and there is no other
dislocation slip observed in this grain within the 110 ps simulation
time needed to reach the additional 1.2% strain (Fig. 10 b). However,
continuing straining 210 ps at 108/s till 2.1% additional strain,
several other slip systems are activated in G14. Fig. 10 c shows these
dislocations in G14 analysed with the dislocation analysis (DXA),
where the partial/perfect dislocations are coloured in green/blue
respectively. The ﬁrst two slip systems activated: (111)[1 0 1]
(b/AD) and ( 1 1 1)[1 0 1] (d/BC) have a very high Schmid
factor with respective values of 0.488 and 0.459. It thus appears
that the high strain rate of the constant strain rate simulation tends
to favour the slip systemwith the highest Schmid factor. Or, in other
words, intergranular effects and local GB structural effects seems to
play an increased role when lowering the strain rate.
5. Conclusions
Inspired by the experimental transient testing, MD simulations
of stress drops were carried out in different stress drop regimes.
The creep curves after the stress drops depend on the magnitude of
stress drop, and exhibit similar trends as those observed during in
situ X-ray diffraction experiments i.e. dislocation slip can continue
to operate after the adaption of the GB structures by a variety of GBaccommodation mechanisms. This can explain the non-monotonic
behaviour of the FWHM during transient creep where after an
initial reduction the FWHM the latter starts increases again. The
low strain rates during creep after a stress drop allowed to reveal
the furthermore following new mechanisms.
 Lattice dislocations nucleated from misﬁt dislocations can
facilitate cooperative dislocations propagating along a GB with
obstacles (i.e. ledges) by interacting temporarily with each
other.
 At reduced strain rates (106/s), dislocations can propagate using
low Schmid factor slip system, a mechanism that requires sig-
niﬁcant GB accommodation processes.
 A jog resulting from dislocation interactions can drag free vol-
umewhen the dislocation velocity is relatively low, but will emit
a vacancy at higher velocities.Acknowledgements
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